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Abstract Nanostructured metals produced by plastic

deformation often exhibit characteristic structural

features such as elongated morphology, a bimodal

misorientation distribution and the presence of interior

dislocations. The characterization of these parameters

is demonstrated by results of TEM and EBSD analyses

of pure Ni processed by high pressure torsion (HPT)

and pure Al processed by accumulative roll bonding

(ARB). Care needed in selecting sample plane and

characterization technique is discussed.

Introduction

Nanostructured metals can be produced by deformation

to extremely high strains (severe plastic deformation) [1,

2], electrodeposition [3] or by the compaction of nano-

metre-sized metal powders [4]. The nanostructured

metals produced by these techniques are different from

a recrystallized metal and a precise characterization of

the structural parameters is thus essential for under-

standing the mechanical and thermal behavior of these

fine-scaled metals. Various techniques, such as trans-

mission electron microscopy (TEM), high resolution

TEM (HRTEM), electron backscatter diffraction

(EBSD) in a scanning electron microscope (SEM) and

X-ray diffraction (XRD), can be used in these structural

studies (Table 1). However, care is required in selecting

the characterization techniques and in interpreting the

results obtained. For example, Mitra et al. [5] made a

comparison of grain size measurements by XRD and

TEM methods for bulk nanocrystalline copper pro-

cessed by inert gas condensation and compaction. They

found that the TEM results agree well with those of

XRD measurements for a narrow grain size distribution

with small mean values, but they deviated significantly

when the grain size increased and distributions widened,

indicating that the information from XRD analysis

could be misleading. Recently, Rentenberger et al. [6]

made an excellent review of HRTEM analysis of nano-

structured alloys produced by severe plastic deforma-

tion. They pointed out several issues related to the Moiré

effect that may cause misinterpretation of the TEM

image contrast and boundary structure and lead to errors

when calculating the dislocation density within the

structure.

This paper focuses on TEM and EBSD character-

ization of nanostructured metals produced by plastic

deformation. Results obtained from pure Ni processed

by high pressure torsion (HPT) and pure Al processed

by accumulative roll bonding (ARB) are taken as

examples to demonstrate the characteristic structural

parameters including structural morphology, boundary

spacing, boundary misorientation and interior disloca-

tion density. In particular, the importance of selecting a

proper sample plane and characterization technique is

discussed.

Structural morphology

Deformation-produced nanostructures exhibit typically

an elongated (a lamellar) or an equiaxed appearance.
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The elongated structure is often observed in nano-

structures produced by monotonic deformation, such as

cold rolling [7], ARB [8] and HPT [9]. An equiaxed

structure is typically the result of more complicated

deformation modes or strain path changes such as equal

channel angular extrusion (ECAE) routes involving

sample rotation between passes [10], multiple direc-

tional forging [11] and surface mechanical attrition [12].

The structural morphology is also affected by the

deformation conditions (e.g. strain, strain rate and

temperature) and material parameters (e.g. stacking

fault energy, impurity level and the presence of second

phase particles).

In the case where an elongated structure is formed, a

proper selection of the sample plane is critical to

properly reveal the elongated morphology. For exam-

ple, it has been well demonstrated [7, 13] that in highly

strained cold rolled samples a lamellar structure with

the lamellar boundaries approximately parallel to the

rolling plane develops and that this lamellar structure

can be clearly revealed in the longitudinal plane

(containing the rolling direction and the normal

direction) of the rolled sample. In some early studies of

the microstructures developed in ARB processed

metals, TEM observations were made in the rolling

plane and an equiaxed structure was reported [14].

However, recent more extensive TEM and EBSD

characterizations in the longitudinal plane [15–17] have

shown the formation of a lamellar structure similar to

that observed in conventional cold rolling. Figure 1

shows an example of the lamellar structure revealed by

TEM (a) and EBSD (b) in a commercial purity Al after

6 cycle ARB processing.

The microstructures in HPT processed samples have

been characterized by many researchers only in the

torsion plane [18–20], probably due to the difficulty in

preparing TEM foil samples from the longitudinal plane

(see Fig. 2) of the small disc samples (typically with a

thickness of 1 mm and a diameter of 10 mm) processed

by HPT. The morphology observed in the torsion plane

is in general described as equiaxed, similar to the early

rolling plane observations in cold rolled or ARB pro-

cessed metals. A similar observation in the torsion plane

of an HPT Ni is shown in Fig. 3. It is seen that the

morphology is in fact rather complicated although areas

with light or dark contrast and irregular shapes can be

identified. However, in the longitudinal plane, a well-

defined lamellar structure was observed, and an example

is shown in Fig. 4a. As schematically shown in Fig. 4b,

the lamellar structure is delineated by the lamellar

boundaries approximately parallel to the torsion plane.

Within the lamellae short boundaries interconnecting

the lamellar boundaries are formed. This lamellar

structure is similar to that observed after high strain

rolling [7, 13] or ARB processing [15, 17]. Note that in

the HPT samples there is a strain gradient along the disc

radius the sample location (defined by the distance, d,

from the sample center in Fig. 2) is an important

parameter to relate the microstructure to the strain.

At high strains (von Mises strain evm > 5), proper

sampling section led to identification of occurrence of

deformation twinning in the HPT Ni [21]. An example

of deformation twins is shown in Fig. 5. It is seen that

the deformation twins are well-confined within the

narrowly spaced lamellae (<100 nm) and inclined with

respect to the lamellar boundaries. This morphological

correlation between the deformation twins and the

lamellar boundaries can only be revealed in the lon-

gitudinal section since the lamellar structure mor-

phology is only manifested in this sample section. More

important, this morphological correlation also indi-

cates that deformation twinning occurred after a sig-

nificant structural refinement had achieved (<100 nm),

in agreement with the suggestion that the deformation

twinning is a characteristic deformation mechanism of

nanostructured metals [22, 23]. The width of the

deformation twins observed varied in a range from a

few nanometres to about 30 nm, which is much smaller

than the width of pre-existing annealing twins (often

sub-micrometer to tens of micrometers) in the unde-

formed Ni. The misorientation angles measured in

terms of Kikuchi diffraction showed a nearly perfect

twin misorientation (60 � h111i) between the matrix

and the deformation twins. Note that any pre-existing

twins are destroyed after deformation to the strain

level at which deformation twinning takes place.

The strength of samples showing the occurrence of

deformation twinning was estimated [21] based on the

hardness measurement and it was found that the

strength is much higher than the critical resolved shear

stress for deformation twinning in Ni. The high pressure

applied during the processing may also have an effect on

the deformation twinning as similar phenomenon is not

easily detected e.g. in tensile straining condition.

In summary, the characteristic structure developed

during ARB and HPT is a lamellar structure with the

lamellar boundaries parallel to the rolling plane in ARB

and parallel to the torsion plane in HPT. This structural

Table 1 Structural parameters and characterization techniques

Structural parameter Technique

Morphology TEM, HRTEM, EBSD/SEM
Spacing (size) TEM, HRTEM, EBSD/SEM, XRD
Misorientation TEM, HRTEM, EBSD/SEM
Dislocation density TEM, HRTEM, XRD
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morphology cannot be revealed in the rolling plane or

torsion plane but it can be seen in the longitudinal plane,

indicating a strong effect of the sampling plane on the

identification of the dominating structural features.

Boundary spacing

During plastic deformation, the mean boundary spac-

ing decreases with increasing strain due to grain

Fig. 1 (a) TEM image and (b) EBSD boundary map showing the
formation of a lamellar structure in a commercial purity
aluminum processed by 6 cycle ARB at room temperature

Fig. 2 Schematic drawing of the HPT sample and the sample
panes for TEM observations. Z: torsion axis. r: radius, h: shear
direction. TEM foils are prepared from both the torsion plane
and the longitudinal plane (as indicated in the figure) at a
distance of d from the disc center, and therefore the plastic strain
is well defined

Fig. 3 (a) Bright field and (b) dark field TEM images showing
the structural morphology in the torsion plane of a pure Ni HPT
processed to a von Mises strain of about 5. The HPT was carried
out under a hydrostatic pressure of 4 GPa
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subdivision. The boundary spacing in deformation

produced nanostructures is typically in the range from

a few hundred nanometres to about 100 nm. At very

large strains, the boundary spacing can be reduced to

about 10 nm [24, 25].

To measure the boundary spacing on transmission

electron micrographs, it is necessary to clearly reveal

the structural morphology. For the lamellar structure,

as shown in Fig. 4b, there are two boundary spacings,

namely the spacing between the lamellar boundaries

(D) and the spacing between the interconnecting

boundaries (d). The mean spacings measured at two

strains, evm = 12 and evm = 33 are given in Table 2. In

the literature, the grain size measured from the tor-

sion plane of HPT Ni deformed under various

hydrostatic pressures (3–9 GPa) and strains (evm > 5)

varies in a range of 100–200 nm [19, 20]. These values

are comparable with the spacing of interconnect-

ing boundaries measured in the longitudinal plane

but significantly larger than the lamellar boundary

spacing.

The boundary spacing may also be measured from

EBSD orientation image maps or boundary maps when

the structural size is larger than the EBSD spatial

resolution which is typically above 50–100 nm. How-

ever, due to the problem of limited angular resolution,

which will be discussed in the next section, low angle

boundaries (typically less than 2�) cannot be revealed

in the EBSD maps. Therefore, the boundary spacing

measured from the EBSD maps is larger than the value

measured from the TEM images. When the grain size

is smaller than 50–100 nm, the spacing can only mea-

sured by TEM and HRTEM methods or by the XRD

method. However, it should be noted as mentioned

before that the grain size distribution may have a

Fig. 4 (a) TEM image observed in the longitudinal plane of
HPT Ni showing the development of a lamellar structure with
the lamellar boundaries approximately parallel to the torsion
plane (perpendicular to the torsion axis Z). Interconnecting
boundaries are formed between the lamellar boundaries. (b) A
sketch of the lamellar structure seen in (a). The boundary
spacings for the lamellar boundaries D and interconnecting
boundaries d are measured, respectively, in the torsion axis
direction and the shear direction

Fig. 5 Deformation twins observed in a pure Ni HPT processed
to a von Mises strain of 12. The twins, indicated by arrows, are
well confined within a lamella and have widths from nm 8 to
30 nm
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strong effect on the grain size measured by the XRD

analysis [5].

Boundary misorientation

During plastic deformation, the mean boundary mis-

orientation increases with increasing strain due to a

continuous increase in the fraction of high angle

boundaries that are formed by the transformation of

low angle dislocation boundaries into high angle

boundaries and by the generation of boundaries sepa-

rating different texture components [26]. Several

electron diffraction-based techniques, namely selected

area electron diffraction (SAD) and convergent beam

Kikuchi electron diffraction in a TEM and EBSD in a

SEM, have been extensively used to characterize the

misorientation in deformation-produced nanostruc-

tures. These techniques have different angular resolu-

tions and spatial resolutions (see Table 3), and caution

is required when interpreting the measured results or

when using the data for further modeling purposes.

In the following, these techniques are reviewed, and

issues that may cause misinterpretation of results

obtained are discussed.

SAD is an easy method and its spatial resolution

depends on the size of the smallest selected area

aperture available in a microscope, which is in general

larger than several hundred nanometres. When the

grain size is larger than this selected area, the misori-

entation between two grains can be estimated from two

SAD patterns obtained from the two grains. However,

the angular resolution is in general not better than 2�.

For deformation-produced nanostructures, the grain

size is generally smaller than the diameter of the

smallest selected area aperture. Therefore, many

grains may be contained in the selected area, and as a

result, a multiple SAD pattern or a ring-like SAD

pattern is obtained, as often reported in the literature.

In fact, the formation of a ring-like pattern has often

been used as evidence of the generation of high angle

boundaries in nanostructures. However, an SAD pat-

tern provides only qualitative information on the

spread of orientations present in the selected area but

not any information on the spatial distribution of these

orientations. In other words, although grains of many

different orientations can produce a ring-like SAD

pattern, the formation of such a pattern does not nec-

essarily indicate the presence of high angle boundaries

in the structure. For example, a smooth and continuous

lattice curvature over a large angular range can also

produce a similar ring-like pattern. In a deformed

structure, it is likely that a continuous lattice curvature

or an accumulative misorientation is formed over a

distance of several hundred nanometres. Therefore,

the formation of a ring-like SAD pattern does not

provide conclusive information about the development

of high angle boundaries.

EBSD is a fully commercialized and automated

method. It is a powerful technique to map orientation

and misorientation over rather large areas (for exam-

ple up to the scale of mm2) and to obtain the misori-

entation distribution. However, as shown in Table 3,

this technique suffers from problems in both the

angular resolution and the spatial resolution. The

angular resolution depends on the diffraction pattern

quality that is affected by many factors such as the

quality of the polished sample surface for the EBSD

measurements and the dislocation content in the area

analyzed. For samples deformed to large strains, the

angular resolution is in general not better than 2�.

Figure 6a shows an example of misorientation distri-

butions obtained by EBSD for a high purity (99.99%)

Al processed by ARB to 6 cycles (evm = 4.8) [27]. A

very high fraction of high angle boundaries (>15�),

>70%, is measured. However, it should be noted that

in this distribution the misorientation angles below 2�
are not included due to the uncertainty in the misori-

entation determination. Therefore, the fraction of high

angle boundaries obtained by EBSD is overestimated.

Such overestimate should be born in mind when

relating the measured misorientation to the mechanical

and thermal behavior of nanostructured metals.

Finally, the relatively large spatial resolution (typically

>50 nm) limits the application of the EBSD technique

to the characterization of the misorientation in nano-

structured metals when the grain size is below the

EBSD spatial resolution.

The TEM Kikuchi diffraction method has advanta-

ges in both angular and spatial resolution, and thus is

Table 2 Lamellar boundary spacing (D) and interconnecting
boundary spacing (d) measured in HPT Ni deformed to two
strains

Strain, evm D d Aspect ratio

12 75 200 2.7
33 60 150 2.5

Table 3 Angular and spatial resolution typically available for
three electron diffraction based techniques for misorientation
measurement

Technique Angular resolution Spatial resolution

SAD >2� Several hundred nm
Kikuchi diffraction ~0.2� A few nm
EBSD ~1� >50 nm
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an ideal tool to study misorientations in nanostructured

metals. However, the analysis of Kikuchi patterns is

still manually based in many laboratories and it is thus

a time-consuming process. In our laboratory, a semi-

automatic Kikuchi pattern analysis method has been

developed [28] and applied to measure boundary mis-

orientations in several nanostructured metals [7, 15,

27]. One example of the results obtained is shown [27]

in Fig. 6b from the same sample as was used for EBSD

analysis (Fig. 6a) for comparison. It is seen that both

EBSD and TEM measurements demonstrate a bimo-

dal distribution with one peak located in the lower end

of the misorientation angles and the other located in

the upper end. Similar distributions have also been

obtained in other nanostructured metals [7, 13, 29],

indicating that the bimodal misorientation distribution

is a characteristic feature of nanostructured metals.

However, as shown in Fig. 6b, about 17% of the

boundaries have misorientation angles less than 2�,

which are not detected by EBSD (Fig. 6a). This result

indicates that to achieve a complete characterization of

the misorientation distribution the EBSD technique is

not appropriate but that the use of the TEM Kikuchi

diffraction technique is required. It should also be

noted that the concentration of low angle boundaries

with misorientations of less than a few degrees is rather

high even for the high purity Al studied (Fig. 6b). The

quantification of these low angle boundaries is crucial

to establish the correlation between the structural

parameters and the mechanical properties of the

deformation-produced nanostructures as it has been

suggested that the low angle boundaries contribute to

dislocation strengthening [30]. However, it should be

pointed out that most of the TEM analyses of misori-

entation distributions have been made for a structure

coarser than 100–200 nm. More measurements in finer

structures (<100 nm) are required to prove the pres-

ence and evolution of low angle dislocation boundaries

when the structure is refined down to a scale smaller

than 100 nm.

In summary, due to the different angular and spatial

resolutions associated with different electron diffrac-

tion techniques, careful selection of the technique is

required depending on the purpose and care is

required to interpret the results. Moreover, these

techniques have different efficiencies in their data

acquisition, which also is an issue when selecting a

technique. The boundary misorientation angles in the

deformation-produced nanostructures exhibit a char-

acteristic bimodal distribution with one peak located in

the lower end of misorientation angles and the other

located in the upper end. This bimodal distribution

clearly illustrates a difference between the boundaries

characterizing the deformation-produced nanostruc-

tures and those present in a recrystallized structure.

Interior dislocation density

As a product of high strain deformation, the defor-

mation-produced nanostructures always contain a cer-

tain amount of interior dislocations and the dislocation

density varies depending on which metal and the pro-

cessing conditions. The existence of interior disloca-

tions may play a key role in determining the

mechanical behavior of nanostructured metals [31].

HRTEM and TEM techniques can be used to deter-

mine the density of dislocations and their spatial dis-

tribution in the structure. The determination of

dislocation density by HRTEM relies on the identifi-

cation of individual dislocations on HRTEM images.

Special care is required to avoid the misidentification

of Moiré effect-induced lattice image shifting as dis-

locations, which has been discussed in detail by Ren-

tenberger et al. [6]. In the TEM method, the crucial

Fig. 6 Misorientation distribution obtained by EBSD (a) and
TEM (b) methods in a high purity aluminum processed by six-
cycle ARB. Note the absence of misorientation angles <2� in the
first distribution
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issues are the precise determination of the foil thick-

ness and the complete manifestation of all the dislo-

cations present in the structure. Convergent beam

diffraction can be used to precisely determine the foil

thickness and the multiple beam diffraction is required

to reveal the dislocations. Another issue is the possible

escape of dislocations to the specimen surface during

sample electropolishing [32]. However, it is likely that

dislocations escape in nanostructured metals may be

less of an issue than in metals with a coarse grain size.

Concluding remarks

The fine scale microstructure in nanostructured metals

makes it difficult to quantify the structural parameters.

Microstructural characterization techniques such as

TEM and EBSD have to be applied to allow the

determination of structural parameters as boundary

spacing and misorientation angle and distribution of

these parameters. Also a quantification of the interior

dislocations is a requirement. In this work a careful

selection of sample section is suggested. Such careful

analysis is a must in the further process development

and in order to model the crucial relationship between

microstructure and properties in nanostructured metals

both in the deformed and in the annealed state.
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unar JA, Langdon TG (2003) Acta Mater 51:753
20. Dalla Torre F, Spätig P, Schäublin R, Victoria M (2005) Acta
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